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ABSTRACT

The strength and toughness of polymers depend on stress-induced dissipative
and disruptive processes exemplified by viscoelastic and plastic deformations,
cavitation, and crack growth. High strength necessitates molecular immobility;
toughness results from mobility and the dissipation of stored elastic energy.
These concepts are discussed in terms of the dissipative and disruptive processes
that occur under stress in various types of elastomeric and plastic materials.
The role of structure at the molecular and supermolecular levels is considered
along with that of elastic constraints which, by altering the stress state, modify
strength and toughness. To have high toughness and strength, a material must
contain a dispersed phase. When effective, the dispersed phase acts to increase
the dissipation of energy, often through controlled structural break-down,
and to impede the development of large cracks.

INTRODUCTION

Macroscopic rupture is commonly, if not always, the culmination of
vtrious stress-induced dissipative and disruptive processes that occur in
localized regions throughout a specimen. The initiation and subsequent
development of such processes are difficult to investigate because they occur
on a microscopic scale and involve only a small fraction of the material in a
test specimen. Consequently, the effect of microscopic breakdown on
mechanical response characteristics is often obscured by deformational
processes that occur rather uniformly throughout a specimen. Hence, to a
casual observer, rupture processes ordinarily proceed unnoticed until
catastrophic crack propagation or some other instability develops.

In this paper a discussion is given of strength, toughness, and extensibility
of polymers. Strength refers to the stress sustained by a specimen immediately
prior to macroscopic rupture or, in some instances, to a yielding process.
Toughness is the energy required to rupture a specimen; it may also be
defined as the resistance to further growth of a crack. Extensibility refers to
the elongation, or strain, at the instant of rupture. To consider these proper-
ties, attention is focussed on: (1) the various disruptive processes that can
occur in a stressed specimen and their dependence on structural character-
istics and test conditions; and (2) the conditions that lead to the terminal
phase in the rupture process, namely, the self-sustained high-speed propaga-
tion of a crack. Although definitive information on these topics is somewhat
limited, various concepts and theories have been advanced that provide a
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qualitative, or semi-quantitative, explanation of the principal aspects of
rupture.

GENERALIZATIONS

High strength necessitates molecular immobility. If polymeric segments
are highly mobile, a high stress cannot be sustained by a specimen owing to
stress-relief mechanisms. In contrast, mobility is a necessary but not a
sufficient condition for high extensibility; other requirements are energy
dissipative mechanisms along with a low density of crosslinks and per-
manently entangled chains. Because toughness depends, in effect, on both
stress and extensibility, high toughness necessitates an optimized mobility
and localized processes that relieve stress concentrations and thus prevent
the development of a catastrophic disruptive process. Because localized
flow dissipates stored elastic energy, it follows that the source of toughness
is energy dissipation.

These generalizations are supported by the well-known fact that the
strongest materials, e.g. graphite whiskers, drawn high-carbon steel, and
glass fibres, are extremely brittle. The high strength of such materials is a
reflection of the vanishingly small mobility of their structural elements.
Upon modifying structure to impart mobility, the toughness of the resulting
material may be increased but its strength is reduced. Although this inverse
relation between strength and toughness is commonly observed, it is far from
being universally true. For example, structural changes that yield a sub-
stantial increase in the strength of an elastomer generally give an increase
in tear strength, a measure of toughness.

When a polymer is deformed, various time-dependent processes begin that
tend to reduce the stored elastic energy. These processes may be either
destructive or non-destructive, depending on whether or not primary
chemical bonds are broken. A viscoelastic deformation involves structural
rearrangements that are normally non-destructive. Examples are: the stress-
biased diffusion of polymer chains or segments; the rearrangement of side
groups or short segments; and, for certain two-phase materials, the de-
formation and rotation of crystalline or glassy domains. Under many, but
not all, test conditions, these structural rearrangements occur homo-
geneously; that is, the changes in any small volume element are the same as
those in any other volume element. In contrast, rupture is a dilatational
process that involves cavitation and crack growth; chemical bonds are
broken and morphological units are disrupted. Such processes are non-
homogeneous; that is, they develop somewhat randomly in localized regions
throughout a specimen.

DIRECT EVIDENCE FOR DESTRUCTIVE PROCESSES

It is quite apparent that rupture entails the breakage of primary chemical
bonds. Until recently, however, there was no direct experimental evidence
that bonds in a stressed specimen are in fact broken and that such a dis-
ruptive process commonly begins long before macroscopic rupture occurs.
In a recent study1, specimens of poiy (methyl methacrylate), polystyrene,
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and polypropylene were stressed in a mass spectrometer. As soon as the
stress was applied, degradation products were detected, and their evolution
rate was observed to increase precipitously as the time for macroscopic
failure was approached. Furthermore, the evolved products were found to
be substantially identical to those produced during the thermal degradation
of unstressed specimens.

In another study2, specimens of an unfilled vulcanizate of natural rubber
were stretched 100 per cent at room temperature and then cooled to — 1200;
the resulting oriented material was noncrystalline. When stretched at
— 120°, the specimens underwent yielding and subsequently ruptured at
about 200 per cent elongation, in excess of the initial 100 per cent. After the
yield point was reached, substantial quantities of hydrogen were evolved,
presumably because polymeric chains were being broken. The resulting
radicals recombined giving an increased crosslink density. Data from
equilibrium swelling tests showed that the molecular weight between cross-
links was reduced from 6650 to 4900 by the drawing process.

The formation of free radicals in stressed fibres has been investigated by
electron spin resonance (ESR) spectroscopy3. In fibres of nylon 6 and natural
silk thread, radicals were detected at stresses considerably below the breaking
stress. The concentration of radicals increased with the applied stress, or
with the time under a constant stress, especially as the rupture point was
approached. Furthermore, the rate of radical production in nylon 6 specimens
under constant stress was correlated quantitatively with specimen lifetime,
measured under different loads at temperatures from —50°to 50°.

In a similar study4, rods of nylon 6 and 66 were cold drawn under vacuum
at room temperature in the cavity of an ESR spectrometer. Although a
specimen was transformed into a highly anisotropic structure, no radicals
were detected during the plastic deformation. However, when fibres of nylon
66 were stretched and maintained at constant elongation, not only Were
radicals formed but also their concentration increased continuously during
a 200-minute test period, another verification of the kinetic nature of the
stress-induced degradation process. In a specimen stretched essentially to
rupture, the concentration of radicals was estimated to be 1017 cm .From
this observation, it was deduced that the number of bonds broken is 100-fold
greater than the number of chains passing through a plane perpendicular to
the stretch direction. It was hence concluded that chain rupture is not con-
fined to the rupture plane but occurs throughout the entire volume of a
stressed specimen.

The above-mentioned investigations, along with additional studies5'6 of
stress-induced radical formation, provide direct evidence that chemical
bonds are often broken in a stressed specimen and that the rate of bond
rupture increases catastrophically as the time for macroscopic rupture is
approached.

STEPS IN THE RUPTURE PROCESS

Although resulting from destructive processes, bond rupture per se has
little or no bearing on strength characteristics; other dissipative and dis-
ruptive processes have a controlling effect. Rupture may be envisaged to
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involve three steps or phases. The first, or initiation, phase is the formation
of a cavity or crack that begins to increase in size. The second step is the slow
growth of a crack until an instability develops. And the third, or terminal,
phase is the self-sustained high-speed propagation of a crack. Although
many microcracks commonly develop within a stressed specimen, it is
customary to focus attention on the particular crack that eventually becomes
unstable and propagates across the specimen. In actuality, however, the
first and second phase of the rupture process undoubtedly occur simul-
taneously. The growth rate of a crack may be affected by the formation and
enlargement of other cracks. Specifically, the formation of new cavities and
cracks can retard, or arrest completely, the growth of existing cracks7'8
Eventually, however, one or more cracks become unstable and high-speed
growth ensues.

In the first phase of the rupture process, cracks may develop from stress-
induced, or possibly pre-existent, cavities. All materials contain, or develop
under stress, heterogeneities that give regions of stress concentration. These
regions are potential sites for the formation of cavities, which under certain
conditions are transformed into cracks. In highly brittle materials, cracks
commonly grow from surface flaws ornicks; the strength of glass fibres, for
example, is determined in large measure by surface defects9. In softer
materials, cavitation leading to crack growth can occur in regions of triaxial
tension within the specimen. For example, it has been observed10 that cracks
initiate within specimens of unfilled and filled elastomers about as frequently
as on the surface.

Certain aspects of crack growth can be illustrated by considering a single
crack in a large sheet of an ideally elastic (brittle) material and also in an
elastic-plastic material. Specifically, consider that the major axis of the crack
(the x-axis) is parallel to the edges of the sheet at which a normal stress

(a) Crack growth in an idea (b) Crack growth in an ideal
elastic (brittle) material elastic —plastic material

Figure 1. Schematic diagrams to illustrate the stress in front of a crack in an ideal elastic material
and an elastic-plastic material.

is applied. For a crack having a tip of finite radius (elliptical crack), a calcu-
lation has been made11 of the stress components r and a, (parallel and
perpendicular, respectively, to the applied stress) in the vicinity of the tip.
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Along the x-axis cr is a maximum at the crack tip and decreases until it
eventually attains the value in the bulk of the specimen, as indicated schemati-
cally in Figure la. Again, with increasing distance along the x-axis, y
increases from zero at the crack tip, attains a maximum, and then decreases
to zero. The maximum value of a, which is about one-fifth of the maximum
value of o, occurs at a distance in front of the crack that roughly equals the
crack tip radius. Hence, triaxial tension exists on and in the vicinity of, the
x-axis away from the crack tip.

When the stress near the crack tip (Figure Ia) reaches the cohesive strength
of the material, the crack will begin to grow, quickly reaching a limiting
velocity which is approximately one-half of the velocity of a. shear wave. In
this idealized process, stored elastic energy is converted into kinetic and
surface energy, the latter being the energy required to rupture the bonds along
the fracture plane. In terms of the well-known Griffith criterion, the crack
will become unstable and propagate when the decrease in stored elastic
energy resulting from an increase in crack dimensions becomes equal to the
surface energy. The Griffith criterion can be written in the form:

WC=K (1)

where W is the density of elastic energy some distance from the crack, C is
the half-length of the crack, and K is a dimensionless geometrical factor. In
the Griffith equation, is the surface energy and K = 1/it.

Now consider a crack in a sheet of an ideal elastic-plastic material that
is subjected to a progressively increasing stress. When o at the crack tip
becomes equal to the yield stress, a plastic deformation begins, leading to a
rounded crack tip and a wedge of plastically deformed material ahead of the
crack, indicated in Figure lb. Eventually—-possibly when a plastic strain
criterion is satisfied—-the crack begins to grow. As the crack grows, a sizeable
volume of material on both sides of the fracture plane is plastically deformed,
dissipating considerable elastic energy.

The criterion for high-speed growth is again given by equation 1, except
that can now be called the fracture surface energy, which is the work
required to produce a unit area of new surface. In this idealized process, the
energy required to rupture valence bonds along the fracture plane is neglig-
ibly small compared to the work of plastic deformation.

It is generally found that a crack grows slowly, but at a progressively
increasing rate, until a constant, high velocity results'2. In elastomers, the
slow-growth phase may proceed for a prolonged period and the transition to
high-speed growth occurs rather suddenly8' 13—15 The fracture surface
formed during slow growth is somewhat rough'3' 14 reflecting the develop-
ment of a fibrous structure near the crack tip, probably resulting from
cavitation in the region of triaxial tension ahead of the crack tip. At high
speeds, the fracture surface formed is relatively smooth owing to a sharpen-
ing of the crack tip. For hard plastics'6, the smooth portion (mirror area) of
the fracture surface occurs in the vicinity of the fracture initiation site;
surface roughness results from the propagation of secondary cracks and
from the bifurcation of cracks arising from a high release rate of strain energy.
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The transition from low- to high-speed growth is commonly consi-
dered14' 15 to occur when

(WC) K (2)

Although this equation is similar to the Griffith criterion, the symbols K
and are interpreted differently. The dimensionless factor K depends
somewhat on the magnitude of the deformation near the crack. The quantity

is again the energy required to create a unit area of new surface; it depends
on the nature of the dissipative processes that accompany crack growth.
Hence, depends not only on the properties of the material but also on the
stress state and the rate of crack growth. In a subsequent section, factors that
affect , especially for elastomeric materials, will be considered in more
detail.

DILATATION AND CAVITATION

The essence of rupture is dilatation resulting from cavitation and crack
growth. Hence, it is instructive to consider homogeneous dilatation under
several types of tensile deformations and also the types of instabilities that
can result.

Several pure homogeneous tensile deformations are defmed in Table 1 in
terms of the principal stresses and strains. Simple tension and equal (uniform)

Table 1. Definition of several types of tensile deformations

Deformation e 2 3 a3

ST
CBT
EBT
CTT

e
e
s
e

—ye
0
c
0

—ye
—ve/(l — v)
— 2vE/(l — v)

0

a
a
a
a

0
yc
a

va/(l — v)

0
0
0

va/(l — v)

biaxial tension are designated by ST and EBT, respectively. When a specimen
is subjected to uniaxial tension while the lateral contraction in one direc-
tion is constrained, a state of biaxial tension is produced, which is here
termed constrained biaxial tension (CBT). Similarly, if the lateral contraction

Table 2. Dilatation in tension

Deformation
AVe =

eleST

1
v=v v=025 — v0•5

ST
CBT
EBT
CTT

e(l—2v)
— 2v)/(1 — v)

2e(1 — 2v)/(l — v)
c

—-

1 1 1

l/(1 — v) 133 2
2/(l — ') 267 4
1/(1 — 2v) 2
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in both directions perpendicular to the applied load is constrained, a state
of triaxial tension, here termed constrained triaxial tension (C]TF), is pro-
duced. The formulae in Tables 1 and 2 are based on classical elasticity,
which is applicable precisely only in the limit of zero strain. Hence, the
relations that contain Poisson's ratio are not quantiatively correct at large
deformations, although they are adequate to illustrate certain trends.

The second column of Table 2 gives the dilation, e = AV/Vo, effected by a
tensile strain e. The last columns give e/eST for two values of Poisson's ratio,
where e is the dilation in simple tension. As expected, the CBT, EBT, and
CTT deformations are considerably more dilatative than ST, especially for
elastomers for which V 05. For an elastomer, the CIT deformation is
equal triaxial (hydrostatic) tension, as can be seen by substituting v = 05
in the relations in Table 1.

Polymers, as well as other materials, are quite resistive to dilatation, an
indication being their bulk moduli which are in the range 1010 to lOll
dynes/cm2. It is thus not surprising that an instability develops when the
imposed homogeneous dilatation becomes unduly large. The instability may
be manifest by: (1) blushing, which is the formation of numerous small
cavities throughout a specimen; (2) crazing, which is the formation of an
oriented porous structure in limited regions of the specimen; and (3) rupture.
The specimen ruptures if the cavities or crazes that tend to form are unstable.
Each of these Instabilities may be initiated by stress concentrations near the
flaws or heterogeneities that are present in all materials.

Various experimental observations on micro failures (instabilities) within
stressed specimens have been reviewed by Rosen17. In addition to micro-
scopic examination7, information on microfailures has been obtained from
studies of the stress and time dependence of the intensity of reflected light18,
the enhanced permeability of helium and nitrogen gases through specimens
deformed in tension'9'20, and light and small-angle x-ray scattering21.

The formation of numerous cavities—-a process called blushing owing to
the turbid appearance of the specimen—-apparently necessitates an optimum
mobility of polymeric chains. For example, polystyrene and poly(methyl
methacrylate) blush only when deformed under suitable conditions at
60—80°. From a study2' of blushed specimens by light and x-ray scattering
(small angle), it was concluded that about 1012 cavities/cm3 exist and that
their radii are in the range 400 to 1200 A, depending on the material.

The occurrence of permanent damage, and thus bond rupture, during
blushing is indicated by a study22 of creep and creep-rupture of cellulose
acetate under conditions that produce blushing. When a specimen from an
interrupted creep test was heated at 70°, its original dimensions and appear-
ance were regained. However, when the specimen was tested again, the creep
rate was found to be greater than originally and the time-to-break to be less
than that for a fresh specimen. In fact, the time-to-break for a fresh specimen
under an uninterrupted load was sensibly the same as the sum of the time
under load before and after the other specimen was annealed.

The rupture of elastomers under triaxial tension has been
studied23' 24 Information was not obtained on the origin of small cavities
but only on the conditions and manner in which cracks propagates radially
from an enlarged cavity24 (about 25 microns in diameter). To obtain triaxial

241

P.A.C.—23/2-3—E



THOR L. SMITH

tension, a thin disc of rubber was bonded between metal23, or Lucite24,
platens and subjected to uniaxial tension. Because the specimen could not
contract perpendicular to the applied load, triaxial tension resulted; at small
applied strains, macroscopic failure occurred in the centre of the specimen.
The nominal stress (applied load divided by the cross-sectional area of the
specimen) was found to increase linearly with the Young's modulus of the
specimen, as shown in Figure 2. Presumably, very small cavities first form in
the specimen. Under the imposed triaxial tension, a cavity enlarges until the
extension on the surface of the cavity becomes very large, causing the surface

E

cn

b
0
U)

U)

0
U

L
(-)

E,kg/cm2

Figure 2. Relation of Young's modulus E for elastomers to the uniaxial tensile stress at the
instant of internal rupture under triaxial tension (from Gent and Lindley23).

to rupture and cracks to propagate radially. Taking this picture as a model,
Gent and Lindley23 analyzed mathematically the enlargement of a cavity
under hydrostatic tension. They found that the hydrostatic tension at which
the extension ratio becomes very large, and thus at which the cavity ruptures,
increases in direct proportion to Young's modulus, in agreement with
experimental observations. Subsequently, the instability of a spherical

ina
b

E, pS
Figure 3. Relation of Young's modulus E for elastomers to the uniaxial tensile stress at the
instant of internal rupture in specimens containing a rigid sphere (from Oberth and Bruenner26).
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cavity in an incompressible medium under hydrostatic tension was con-
sidered25 in terms of an energy criterion.

Information on rupture in triaxial tension has a direct bearing on rupture
processes in filled, and possibly in homogeneous, polymers. As part of a study
of filled elastomers, Oberth and Breunner26 carried out uniaxial tensile
tests on long specimens of polyurethane elastomers in which a large steel
sphere was embedded. Owing to the high rigidity of the sphere, the lateral
contraction of the specimen near a sphere was partially restrained; thus,
regions of triaxial tension developed in the rubber above and below the poles
of the sphere. During a test, cavities were observed to form in the rubber
(not at the interface) where the triaxial tension was large. The nominal stress
on the specimen at the instant of cavitation was found to increase linearly
with Young's modulus of the rubber, as shown in Figure 3, the results being
similar to those shown in Figure 2.

During a tensile test on elastomers filled with particles whose diameters
are greater than, say, a few microns, vacuoles develop around the filler
particles (a process called dewetting, see refs. 27 and 28 and references cited
therein). Based on the observations of Oberth and Bruenner26, a cavity
undoubtedly first forms near a particle, the cavity then enlarges until it
touches the particle, and finally the rubber is pealed from the particle by
lateral forces. During a tensile test on a rubber vulcanizate filled with re-
inforcing carbon black, the observed volume increase, which is related to the
degree of dewetting, is very small29. However, because the increase in
volume is somewhat larger than that for unfilled vulcanizates, it is quite
probably that cavities form but that the local energetic conditions (cavity
size and elastic energy density) are not sufficient to cause cavity disruption
and vacuole formation.

STRENGTH OF ELASTOMERS

An elastomer is a unique material in that the polymeric chains are highly
mobile, yet a deformed specimen regains its original dimensions when the
applied stress is removed. Such behaviour results because viscous flow is
prevented by chemical crosslinks and permanently entangled chains; the
retractive force is provided by the increased conformational free energy
(predominantly entropic) of deformed polymeric chains. Although tough-
ness necessitates chain mobility, the mobility in elastomers under most
conditions of practical interest is much too large to impart toughness and
strength, unless special reinforcing mechanisms become operative. The reason
for this characteristic and the source of strength, toughness, and extensi-
bility in different types of elastomers will now be considered. Toughness will
not be discussed explicitly because those factors that give a substantial
increase in strength also increase the toughness; exceptions to this general
rule are probably of limited significance.

In the following discussion, cib and 2bb designate the tensile strengths
based on the cross-sectional area of an undeformed and a deformed specimen,
respectively; 2b and )Lb I are, respectively, the extension ratio and the
longation (or strain) at rupture.

We first consider amorphous (noncrystallizable) unfilled elastomers,
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exemplified by a styrene-butadiene rubber (SBR) vulcanizate. At an elevated
temperature and a low extension rate, the tensile strength of such an elasto-
mer30'3' is ordinarily no greater than 100 psi (ca. 7'O kg/cm2) and the
elongation-at-break is commonly less than 100 per cent; under such condi-
tions, however, the extensibility is quite dependent on crosslink density, in
contrast to the tensile strength32. With a progressive decrease in temperature,
the ultimate elongation, 2b — , increases 5- to 10-fold and then decreases
rapidly as the glassy state is approached; concomitantly, the tensile strength
increases about 100-fold. An illustration is provided by Figure 4 in which
log 273c1b/Tis plotted against log (i,, — 1) where Tis the test temperature in

Figure 4. Failure envelope for an
tensile strength, 273 b/ is plotted

unfilled butyl rubber vulcanizate. Temperature-reduced
against the ultimate strain, )Lh — 1, on doubly logarithmic

coordinates.

°K. The data were obtained33 on an unfilled butyl vulcanizate at various
extension rates in the temperature range —45 to 140°. (Under stress, this
particular butyl vulcanizate does not crystallize to a significant degree.)

Data measured at different extension rates and temperatures can be
superposed3° to yield master curves that are functions of the temperature-
reduced extension rate, )LaT, or the temperature-reduced time-to-break,
tb/aT, where aT is the well-known shift factor34, which essentially equals the
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mobility of a polymeric segment at an arbitary reference temperature divided
by its mobility at temperature T Thus it follows that the temperature de-
pendence of the ultimate properties is a reflection of the change in molecular
mobility; likewise, the rate dependence of the ultimate properties results
from the local viscous resistance that opposes the stress-biased migration of
chains. In other words, the time (rate) and temperature dependence of the
ultimate properties should be relatable to the viscoelastic properties of the
material.

A semiquantitative relation has been provided by the Bueche—Halpin
theory35 of rupture. This theory is based on the assumption that the rate of
crack growth, during the slow growth stage, is controlled by the visco-
elastic response of material near the crack tip. An underlying assumption,
introduced for simplicity, is that the crack in a specimen under a constant
load grows at some constant (average) rate until a criterion for high speed
growth is satisfied. Such considerations lead to:

Ob(tblaT) = K/D(t8/qa) (3)

where rb(t/a7-) is the rupture stress when the time-to-break is tb/aT, K is a
constant (or slowly varying parameter) which is close to unity, and D(t/qa)
is the creep compliance evaluated at time t/qa. The constant q, which is
several orders of magnitude greater than unity, is introduced to relate the
time-scale for macroscopic creep to that for the creep processes at the crack
tip. The assumption that the rate of crack growth in a specimen under a
constant load is controlled by viscoelastic (energy dissipative) processes
until an instability (high-rate propagation) develops is consistent with
observations on the growth of cuts in sheets of rubber8' 14, 15 and with the
rate and temperature dependence of the tearing energy36.

Owing to the low strength of noncrystallizable elastomers under many
test conditions, they are commonly filled with a reinforcing carbon black to
obtain increased strength and toughness. The carbon black broadens the
relaxation spectrum (or equivalently, the creep compliance curve) and also
shifts the spectrum toward longer times or higher temperatures. That is, the
carbon black gives a broadening and an upward shift in the time-scale and
temperature range within which substantial energy is dissipated in a stressed
specimen. In terms of the Bueche—Halpin theory, this modification in
viscoelastic properties accounts for the reinforcement effected by carbon
black37.

In addition to modifying viscoelastic properties, carbon black provides
other, or related, mechanisms for reinforcement38' 39 Under the triaxial
stress near filler particles, multiple cavities may form, especially when the
stress field in front of a growing crack overlaps the regions of stress con-
centration near filler particles. This internal breakdown ahead of a crack
may: (1) temporarily stabilize a crack owing to the reduction in stored
elastic energy and to the possible blunting of the crack tip; and (2) cause the
original crack to branch upon further growth, thus dissipating additional
energy. The controlling effect of energy dissipation on the strength of un-
filled and filled elastomers is clearly shown by the finding that, over a wide
temperature range, the energy required to break a specimen is a simple
function of a measure of the hysteresis40.
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When a natural rubber vulcanizate is stretched, crystallization usually
begins at about 300 per cent elongation. Under the very large deformations
near the tip of a crack, or in a weak region, crystallization will presumably
occur preferentially. The crystallization not only reduced the density of
elastic energy but more importantly provides an interface that impedes
crack growth. Quite probably, the development of incipient or actual cracks
is prevented by local crystallization even before a substantial degree of
crystallinity develops in the specimen. In effect, crystallization is a mechan-
ism for self-reinforcement. It probably occurs first in the weakest regions, or
near small cracks; subsequently, as other cracks tend to form, their growth
is blocked by crystallization. When the elastic energy, or stress, throughout
the semicrystalline material finally becomes sufficiently intense, a crack
must penetrate crystalline domains. Such a disruptive process, which
dissipates considerable energy in plastic deformation and ductile rupture
of domains, undoubtedly must occur before a crack and the elastic stored
energy become sufficiently large to satisfy a criterion, like equation 2, for
self-sustained crack growth.

At elevated temperatures, crystallization apparently does not occur to a
significant degree in a natural rubber vulcanizate. Under such conditions,
the strength and extensibility depend strongly on extension rate and tem-
perature32' 33, as is characteristic of noncrystallizable elastomers. Also,
from tests at ambient temperature, it has been found41'42 that, with a pro-
gressive increase in extension rate, the tensile strength passes through a
maximum and then begins to increase again. The decrease in strength results
because crystallization does not have time to occur during the test period ; the
subsequent increase is attributed to the increased viscous dissipation of
energy at the very high extension rates.

Figure 5 shows the temperature dependence of the rupture stress tbEYb
(based on the cross-sectional area of the deformed specimen) and the ultimate
elongation 2b — 1 for unfilled vulcanizates of SBR and butyl rubber at an
extension rate of 1 min . The abrupt increase in bcrb and 2b — 1 for the
butyl vulcanizate at slightly below 40° is attributed 32, 33 to the onset of
crystallization. That is, at the lower temperatures, some crystallization
undoubtedly occurs, blocking crack growth; at higher temperatures, the
strength and ultimate elongation are low because little or no crystallization
occurs.

Elastomeric styrene-butadiene-styrene triblock polymers, exemplified by
Kraton 101 and Thermolastic 226 manufactured by the Shell Chemical
Company, are two-phase materials consisting of glassy polystyrene domains
(islands) embedded in an elastomeric polybutadiene matrix. For Kraton
101, and b — 1 are exceptionally high and nearly temperature inde-
pendent below about 40°, as shown in Figure 5. The high strength arises43
from the large amount of energy dissipated in the vicinity of slowly growing
cracks; the dissipation results from the plastic defnrmation and ductile
rupture of the polystyrene domains. Such a process presumably must occur
before a crack achieves a critical size required for initiation of high speed
growth. The properties of a plasticized triblock polymer (Thermolastic 226)
are also shown in Figure 5. The substantially reduced tensile strength above
0° is attributed primarily to the plasticizer which presumably softens the
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Temperature, °C

Figure 5. Temperature dependence of the ultimate tensile properties to two elastomeric triblock
polymers (Kraton 101 and Thermolastic 226) and unfilled vulcanizates of styrene-butadiene
and butyl rubbers. The tensile strength 273 2bab/Tis based on the cross-sectional area of the

deformed specimen. Data are at an extension rate of 1 min

domains or the diffuse interfacial regions between domains and the matrix.
Recently, the rupture of an unfilled SBR vulcanizate in equal biaxial ten-

sion (EBT) has been studied by inflating a membrane into a bubble44
Quite surprisingly, )L, was found to be nearly independent of extension rate
and temperature in the range —43 to 500. Above — 150, A,, was substantially
greater than in simple tension (ST). Furthermore, over nearly the entire
temperature range, the tensile strength was found to be greater, and also
considerably less dependent on extension rate and temperature, than in ST.
Actually, however, the data reported are considered to represent behaviour
in EBT only approximately; rupture did not occur near the pole of the
bubble, the only region in which the stress state is precisely EBT.
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From one viewpoint, the extensibility in EBT would be expected to be
considerably less than in ST, contrary to the experimental results. At a given
strain, as already discussed, the homogeneous dilatation (Table 2) and also
the elastic stored energy is considerably greater in EBT than in ST. For a
neo-Hookean rubber at 2 = 3, the stored energy in EBT is about two-fold
greater than in ST. Hence, the tendency to cavitate should also be greater.
However, cavity formation cannot be equated to macroscopic rupture;
unless a cavity is converted into a growing crack, cavitation may stabilize
a material by relieving unfavourable regions of stress concentration.

During the tests in EBT, it is quite possible that cavities did in fact form in
the region of EBT but they did not transform into cracks because a preferred
direction for crack growth did not exist. Normally, a crack propagates
perpendicular to the maximum principal stress; in equal biaxial tension,
two principal stresses are equal and thus a preferred direction for growth
does not exist. For this reason, rupture began in a region of unequal biaxial
tension. From an examination of the rupture pattern, it appears45 likely that
rupture resulted from the formation of a relatively large blister on the side
of the bubble (an instability that is not surprising) and the subsequent
propagation of a crack around the base of the blister.

The study of rupture in EBT illustrates that the rate controlling step in
the rupture process can depend markedly on the stress state. In simple
tension, the controlling step is the slow growth of cracks. When rupture is
induced to occur under a stress state that is precisely equal biaxial tension
(not achieved in the above-mentioned study), it seems quite probable that
the slow growth step is largely, if not completely, bypassed.

In summary, the discussion on strength of elastomers clearly indicates
that only those materials which contain a dispersed phase, or under stress
develop a second phase, exhibit high strength over broad ranges of tempera-
ture and time. Except at relatively low temperatures, amorphous elastomers
are weak unless a reinforcing filler is present; crystallizable elastomers are
strong because of the self-reinforcement that results from the stress-induced
formation of crystalline domains; and the high strength of elastomeric
triblock, and certain segmented (alternating block) elastomers results from
the plastic domains which, like crystalline regions, function to impede the
growth of cracks to a critical size in the relatively soft, liquid-like matrix.

PLASTICS AND GLASSY POLYMERS

A highly desired characteristic of plastics and glassy polymers is tough-
ness, commonly specified in terms of impact strength. Such a characteristic
results from energy dissipation during the plastic deformation that accom-
panies either of two types of yield processes46 V7: yielding in shear, and
yielding under normal stresses. The latter is a dilatational process commonly
referred to as craze formation. As already mentioned, crazing involves
cavitation followed by a plastic deformation of the cavities to give an
oriented foam-like structure in limited regions of the specimens. The
diameter of the pores or channels in a craze is very small, being in the order
of 200 A; the void content is typically in the range 40—60 per cent48.

A detailed study46'47 has been made of poiy (methyl methacrylate) to
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determine the stress states which bring about crazing and shear yielding.
Under all states of biaxial tension, it was concluded that crazing occurs at
lower stresses than those required to give shear yielding. However, when the
principal stresses are such that the first stress invariant = Cr1 + cr2 + cr3)
is less than some value, shear yielding tends to occur preferentially. Under
pure shear conditions, at which the dilatation is zero, i.e. I = 0, shear yielding
occurs. For I > 0, the tensile stress required to give shear yielding is a
decreasing function of I; this behaviour results from the increase in the free
volume, and thus in the mobility, effected by the dilatative stress state. Based
on experimental data, the yield stress in simple compressive was predicted47
to be about 30 per cent greater than in simple tension, in agreement with
results from an earlier study of dilatation and yielding in glassy polymers49.

Under many test conditions, the states of stress and strain throughout a
specimen are not known. Commonly, the stress is nonhomogeneous owing
to heterogeneities within a specimen and also to end-effects which subject
the test section to elastic constrains. When elastic constraints exist, test
data ordinarily depend on specimen geometry. Similarily, the stress state in
the vicinity of a crack, or plastically yielded material, often depends on
specimen dimensions.

To illustrate the dependence of test results on specimen dimensions, some
experiments made on a polycarbonate plastic by Morecroft5° will be briefly
mentioned. In his study, Izod impact tests were conducted on notched speci-
mens differing in thickness. When the thickness was less than about 02 inch,
the impact strength (toughness) was nearly 108 ergs/crn2. On the other hand,
when the thickness was greater than about 02 inch, the toughness was
lower by a factor of 5 to 10, depending on the exact thickness. In a thin speci-
men, a zone of plastically deformed material develops ahead of the crack
and absorbs considerably energy as the crack propagates. However, when
the thickness of a specimen is greater than some critical value, the lateral
contraction that accompanies a plastic deformation is largely prevented by
the sizeable volume of elastic material that surrounds the crack front. As
plastic yielding ahead of the crack is thus largely impeded, the crack propa-
gates brittly with relatively little energy being dissipated.

The critical thickness at which the toughness (impact strength) drops
precipitously was studied5° as a function of the rate at which the specimen
was deformed. Figure 6 (reproduced from ref. 51) shows that the critical
thickness increases substantially as the imposed velocity is decreased from
iO to iO ft./sec. Under the conditions represented by the region to the
left of the line in Figure 6, the material is tough, whereas to the right of the
line, the material is relatively brittle. These results also indicate that yielding
is a time-dependent process.

The effect of elastic constraints is also illustrated by results from uniaxial
tensile tests made5° on cylindrical specimens having -length-to-diameter
ratios of about 4 and 6. The specimen having a length-to-diameter ratio of
6 underwent yielding and broke at a relatively high elongation. In contrast,
the other specimen broke at a relatively low elongation without yielding.
This behaviour results from elastic constraints arising because of the small
length-to-diameter ratio of the specimen.

Rubber particles are commonly dispersed in brittle plastics to increase
249



THOR L. SMITH

impact strength, or equivalently, the fracture energy5258 To obtain im-
proved toughness, it is necessary that the volume fraction as well as the
diameter of the particles be in some suitable range and that the particles be
firmly bound to the plastic matrix52'56'57

When the temperature of a toughened specimen is progressively decreased

L)I)
U)

>,
U0
>
U0
0.
E

0-J

Figure 6. Dependence of thickness at which the strength of a notched specimen decreases
markedly on the logarithm of the impact velocity. Data on a polycarbonate resin50'51

from the molding temperature, dilatation under triaxial tension develops in
the rubber and certain regions of the matrix because the thermal expansion
coefficient of rubber is about threefold greater than that of a plastic. In
addition, when the specimen is subjected to a uniaxial tensile load, a rela-
tively large dilatation is produced in the matrix near the equatorial plane
of each particle; the triaxial tension in the rubber is also increased. This
behaviour arises because rubber tends to deform at constant volume whereas
the volume of a plastic increases during a tensile deformation. Hence, if the
rubber particles are bonded to the matrix, triaxial tension develops in both the
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rubber and the plastic matrix. The induced dilatation promotes the formation
of crazes, or possibly microcracks, in the vicinity of the particles, a process
that dissipates considerable stored elastic energy. If the concentration and
size of the rubber particles are in a certain range, the growth of a large craze
or crack is prevented by the intersection of a growing crack with a particle
in the vicinity of the initiation site. Specifically, as a crack forms and grows,
a zone of crazed material continues to form in front of the crack. If the width
of the zone is large compared to the size of the rubber particles, a growing
crack will not be blocked by the particles. However, if the rubber particles are
relatively large, the crack will be arrested; other cracks will then grow until
blocked by particles. Eventually, however, some crack will become suffi-
ciently large to satisfy a criterion for self-sustained high-speed growth. In a
study57 of epoxy resins in which a low molecular weight rubber is dispersed,
it was found that no toughening occurs when the dispersed rubber particles
are less than about 1000A in diameter.

CONCLUSIONS

Rupture processes involve an initiation phase, the slow-growth of cracks,
and high-speed crack propagation. Initiation consists of cavitation or the
activation of pre-existent cavities or cracks. The mode and rate of crack
development, prior to catastrophic growth, are affected by the stress state
and the dissipation rate of elastic energy stored near a crack, as well as the
physical characteristics of the material. The stress near a crack depends not
only on its size and the surface tractions applied to the specimen but also on
the number, size and distribution of heterogeneities, included cavities and
other cracks. Under certain conditions, the growth rate of a particular crack
may be decreased, or even arrested, by material heterogeneities or the nearby
development of cavities or cracks. High-speed crack growth apparently
occurs when the product of the elastic energy density and the crack size
exceeds a critical value that depends on material characteristics and experi-
mental conditions. These qualitative remarks about microscopic breakdown
indicate that strength, and especially toughness, are controlled by dissipative
and disruptive processes that operate to relieve unfavourable stress states,
thus reducing the elastic energy density, in localized regions of a specimen.
Examples of such processes are cavitation and craze formation, visco-
elastic and plastic deformations near growing cracks, and stress-induced
crystallization.

From a consideration of rupture processes, it can be concluded that all
polymeric materials which exhibit high strength and toughness over extended
ranges of time and temperature have two phases or develop a second phase
under stress. To obtain optimum properties, the structural characteristics
of the material must be such that many small cavities, crazes, or cracks form
but that mechanisms then come into play to impede their continued growth.
If only a few cracks develop, a particular crack can more readily attain a
critical size, thus allowing rupture to occur with the expenditure of consider-
ably less energy, than if numerous crazes or cracks form throughout a
specimen.
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